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ABSTRACT: We report results on the linear viscoelasticity (oscillatory shear in the temperature range
Tg (glass-transition temperature) e T e Tg + 90 K) of miscible blends of polystyrene (PS) and poly(vinyl
methyl ether) (PVME) and segmental relaxations, measured by dielectric spectroscopy. The Flory-Huggins
interaction parameter of this blend is weakly negative, and the glass transitions of the pure components
are quite disparate (∆Tg ) 125 K). PS/PVME blends have been found to be consistently thermorheologically
complex at both the segmental and terminal levels: the empirical time-temperature superposition (tTS)
principle applies to neither their oscillatory shear response nor their dielectric response. Using the tube
model, we quantitatively compare dielectric and mechanical results. At low temperatures, the effective
time scale for motion of a Kuhn segment (the shortest Rouse mode) is near the long-time end of the
distribution of segmental relaxation times of PVME, in both the pure and blended states. The slowest
relaxing segments thus control the longer-time relaxation processes of the chains. Miscible blends with
weak interactions and large ∆Tg have concentration fluctuations that broaden the distribution of segmental
relaxation times. This distribution narrows as the temperature is raised in the blend, leading to the
failure of tTS for terminal dynamics.

1. Introduction

There has recently been a surge of academic and
industrial interest in polymer blends,1,2 and their rhe-
ology is of paramount importance for processing. Em-
pirical relations for the composition dependence of blend
viscosity exist,2 but they are kept too general to be
useful for predictions to account for both large positive
and negative deviations from additivity of log η.

The empirical time-temperature superposition (tTS)
principle3 breaks down in miscible blends of polymers
with very different glass-transition temperatures.4-13

This thermorheological complexity has been seen for
both terminal (whole chain) relaxations4,6,7,10-12 and for
segmental relaxations.5,8,9,14-18 However, comparisons
of the complexity at the segmental and terminal levels
have only been made for the polyisoprene/polyvinyleth-
ylene system.19

Here, we investigate miscible blends of polystyrene
(PS) and poly(vinyl methyl ether) (PVME). The pure
components have very different glass-transition tem-
peratures, ∆Tg ) 125 K, making this blend have large
dynamic asymmetry. The ø parameter of PS/PVME is
weakly negative.20-22 Kumar et al.13,17 predict that, in
the absence of strong specific interactions, a miscible
polymer blend with such a large ∆Tg should be ther-
morheologically complex. In this paper, we study the
thermorheological complexity of PS/PVME blends at
both the segmental level using dielectric spectroscopy
(DS) and over a range extending from the segmental
level to the terminal (whole chain relaxation) level using
oscillatory shear (OS) rheometry. Although both PVME

and PS have dipole moments, the dipole moment of
PVME greatly exceeds that of PS,14,23 so we focus on
the segmental motion of the PVME chains in DS. We
first discuss the results of each technique separately and
then make a quantitative comparison of DS and OS in
the Discussion.

2. Background

2.1. Thermodynamics. Phase behavior and thermo-
dynamics in PS/PVME blends have been extensively
studied. Differential scanning calorimetry (DSC) and DS
experiments indicate that atactic PS and PVME form
miscible mixtures with each other.24-27 Syndiotactic and
isotactic PS mixtures with a PVME phase separate at
all temperatures above the Tg of PVME.28,29 2-D NMR
experiments by Mirau and co-workers30-32 on PS/PVME
blends suggest there are weak van der Waals interac-
tions between the PS phenyl ring and the PVME
methoxyl group, consistent with the weakly negative
value of the ø parameter observed in SANS experi-
ments.20-22,33-39 PS/PVME has a negative enthalpy of
mixing,40,41 a small negative volume change on mixing,41

and a lower critical solution temperature.26

2.2. Dynamics. Both oscillatory and steady shear
have been used to investigate the rheology of PS/PVME
single-phase blends.42-52 In addition, Green and co-
workers have examined the temperature and composi-
tion dependence of the tracer diffusion coefficient of
d-PS in PS/PVME blends by forward recoil spectros-
copy.53,54

The applicability of tTS to the viscoelastic response
of PS/PVME blends is debated in the literature. Cavaille
et al.43 and Stadler et al.45 have constructed master
curves of tan δ ≡ G′′/G′ and arrived at the conclusion
that the blend shows departures from tTS. However,
the opposite conclusion of thermorheological simplicity
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has been drawn when only master curves of G′ and G′′
are constructed.47,51,52 However, these studies were
focused on rheology in the two-phase region, and most
of the single-phase rheology only included terminal
response, where tTS works by default.

Dielectric studies of the R-relaxation of PVME14,15,23,55

in PS/PVME blends indicate thermorheological com-
plexity. The R-relaxation of PVME broadens signifi-
cantly when blended with PS, and the segmental
relaxation time distribution in the blend narrows as the
temperature is raised. Concentration fluctuations are
believed to be responsible for both the broadening and
the failure of tTS in PS/PVME blends.14,15,55

Several solid-state NMR studies on PS/PVME blends
indicate a spatial distribution of mobility. Cross polar-
ization experiments56 (from 1H to 13C) indicate that,
although most of the PVME is quite mobile 60 K above
the blend Tg, the PS chains have a broad distribution
of mobilities that are generally much slower than those
of PVME. The 2H NMR spectra of d-PS/PVME blends57

clearly show the superposition of immobile PS (with
quadrupole splittings of the solid state) and mobile PS
(with a sharp central peak characteristic of a liquid),
with a larger fraction of mobile PS as the temperature
increases.

3. Experimental Section
3.1. Materials, Characterization, and Blend Prepara-

tion. Size-exclusion chromatography in THF was used to
determine the weight-average molecular weights (Mw) of the
PS and PVME (relative to PS) and polydispersities (Mw/Mn),
where Mn denotes the number-average molecular weight
(Table 1). Three anionically polymerized PS samples were
obtained from three different sources (PS-50 was obtained from
T. E. Long, PS-130 was obtained from R. Stadler, and PS-260
was obtained from Scientific Polymer Products of Ontario, NY).

The PVME was synthesized by cationic polymerization at
CERM. The methyl vinyl ether monomer was supplied by
Matheson. Hydrogen iodide (57% aqueous solution) and zinc
iodide (99.99% purity) were obtained from Aldrich. Toluene
was refluxed over CaH2 and distilled. Just prior to reaction,
the toluene was distilled over a polystyryllithium solution. HI
from aqueous solution was dissolved in dry n-hexane according
to a published procedure.58 Diethyl ether was dried by reflux-
ing over metallic sodium and distilled. Methyl vinyl ether was
purified by distilling the condensed monomer over polystyryl-
lithium solution. ZnI (cocatalyst) was dissolved in dry ether
(0.16 M). Dry toluene was introduced into a flame-treated
flask, under nitrogen, followed by freshly distilled monomer.
The solution was cooled to -40 °C, before the calculated
quantity of hydrogen iodide and zinc iodide (1:1 molar ratio)
was added. Polymerization was allowed to proceed for 4 h at
-40 °C and then for 7 days at -15 °C. The reaction was
quenched with prechilled ammoniacal methanol. The polymer
solution was washed with both a 10% aqueous sodium thio-
sulfate solution and water. The organic layer was dried with
anhydrous sodium sulfate, and the solvent was removed under
reduced pressure leaving the polymer (80% yield).

The PVME was fractionated in two stages. A 5% solution
in demineralized water was heated to 60 °C, where a precipi-
tate formed. The solution was decanted and reheated to 60
°C, where a second precipitate was collected. A 3% solution of
these two fractions (combined) was heated to 40 °C, where a
precipitate formed. The solution was decanted and reheated

to 40 °C, where a second precipitate was collected. These two
precipitates were combined to make the PVME used in this
study. Size-exclusion chromatography indicates that the frac-
tionation narrowed the molecular weight distribution from
Mw/Mn ) 1.5 before fractionation to Mw/Mn ) 1.25 after
fractionation.

All blends were prepared by dropwise precipitation of a
toluene solution of the two polymers into a 20-fold excess of
n-heptane (nonsolvent) at -78 °C. The stringy white precipi-
tate was filtered cold and then dried in a vacuum oven, first
at 80 °C for 2 days and then at room temperature for
approximately 1 month, until its weight loss was less than
0.01 g in one week.

The glass-transition temperatures of the pure polymers are
listed in Table 2, as determined by differential scanning
calorimetry on a Seiko Instruments SSC 5200 DSC, with 5-10
mg of sample. The DSC was calibrated with an indium
standard, which melts at 156.6 °C. Heating and cooling rates
of 10 K/min were consistently used for all samples, and only
the data from the second heating were used to determine the
Tg (defined to be the temperature at the midpoint of the
transition). All blends investigated have a single calorimetric
glass transition, intermediate to the glass transitions of the
pure components (Tg ) 3 °C for 30% PS/70% PVME blends
and Tg ) 25 °C for 50% PS/50% PVME blends). This feature
and optical clarity were taken as necessary evidence for
miscibility. Samples were prepared for both OS and DS by
molding overnight in vacuum-assisted compression molds, at
60-80 °C. The PVME and all blends showed small amounts
of a crystalline component, if annealed at room temperature
for an extended period (>1 week). The crystals melt at 50 °C.
For this reason, OS was measured on freshly molded samples.
The loading procedure for DS requires heating the samples
in excess of 50 °C, so it was not surprising that there was no
indication of any crystallinity in either the DS or OS experi-
ments.

3.2. Rheology. Oscillatory shear rheometry was performed
at Pennsylvania State University on all blends and pure
components in a Rheometric Scientific ARES rheometer, which
was equipped with a force-rebalance transducer and capable
of measuring torque signals between 0.2 and 2000 g cm. The
applied strain amplitudes (0.001 < γ0 < 0.1) were always less
than the maximum strain for producing linear viscoelastic
response, as determined by strain sweeps at various frequen-
cies. For experiments between Tg and Tg + 30 K, 7.9 mm
diameter parallel plates were used, whereas 25 mm diameter
parallel plates were used at higher temperatures. Temperature
was controlled by a steady flow of heated nitrogen gas through
the sample chamber. Frequencies between 10-2 and 102 rad/s
were typically used, although slightly lower frequencies (of
order 10-3 rad/s) were used in some experiments to measure
viscoelastic response on longer time scales.

3.3. Dielectric Spectroscopy. The DS measurements were
made at FORTH on PVME, PS-130 and two blends. All
samples were identical to the ones used in the OS investiga-
tion. Measurements of the complex dielectric function were
made with a Novocontrol BDC-S system composed of a
frequency response analyzer (Solartron Schlumberger FRA
1260) and a broadband dielectric converter with an active
sample cell. The latter contains six reference capacitors in the
range from 25 to 1000 pF. Measurements were made in the
frequency range from 10-2 to 106 Hz using a combination of
three capacitors in the active sample cell. The resolution in
tan δ was about 2 × 10-4 in the frequency range between 10-1

to 105 Hz. The samples were kept between two 20 mm
diameter gold-plated stainless steel plates with a separation
of 100 µm, which resulted in a sample capacitance of about
100 pF. The sample cell was set in a cryostat and the sample
temperature was controlled between 240 and 340 K with an
accuracy of (0.1 K.

4. Oscillatory Shear Master Curves

The tTS principle3 allows the frequency ω dependence
of the complex modulus G* at any temperature T to be

Table 1. Molecular Characteristics of Polymers

polymer Mw Mw/Mn

PVME 124 000 1.25
PS-50 52 000 <1.1
PS-130 131 000 1.2
PS-260 263 000 <1.1
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determined from a master curve at a reference temper-
ature, which we take to be the glass transition Tg.

At each temperature T, a single frequency-scale shift
factor aT and a single (much smaller) modulus-scale
shift factor bT allow superposition of all viscoelastic data
at temperature T with the data at the reference tem-
perature Tg.

Our superposition procedure involves first shifting the
loss tangent tan δ on the frequency scale (determining
aT) and subsequently determining bT by an independent
modulus-scale shift of G*. This procedure separates the
two shifts because the loss tangent is the ratio of G′′ to
G′′.

Representative master curves of G′, G′′ and tan δ for
the pure component polymers are shown in Figure 1 for
PVME (Figure 1a) and PS-260 (Figure 1b). (The force-
rebalance transducer starts to exhibit compliance effects
with 7.9 mm diameter plates at modulus levels exceed-
ing 109 dynes/cm2. Thus, the data in Figure 1a for
frequencies ωaT > 3 rad/s are only qualitatively correct.)

The frequency-scale shifts for the pure components
follow the Williams-Landel-Ferry (WLF) equation3

(discussed below). Superposition of the tan δ master
curves for PVME is typical of OS results on homopoly-
mer melts,13,59,60 where tTS works reasonably for all
temperatures above Tg. Plazek61,62 has reported that tTS
fails for PS between 97.0 and 114.5 °C (corroborated by
Cavaille et al.43). Our data on pure PS show tTS working
only approximately for PS at T > Tg + 10 K. At lower
temperatures (Tg + 6 K), a clear breakdown of tTS is
seen in PS-260.

Representative G′, G′′, and tan δ master curves for
the blends are shown in Figure 2 for the 30/70 wt %
PS-130/PVME blend (Figure 2a) and the 30/70 wt % PS-
260/PVME blend (Figure 2b). All PS/PVME blends
studied show a clear breakdown of tTS.

5. Dielectric Spectroscopy Master Curves
The time-temperature superposition principle is also

used to make master curves of the frequency ν depen-
dence of the complex permittivity ε* determined by
DS.63

The dielectric constant scale temperature shift factor
cT is always of order unity. For PVME, we find that cT
< bT and that cT fits the standard Clausius-Mosotti

Figure 1. Master curves of the storage modulus (G′, tri-
angles), loss modulus (G′′, diamonds), and the loss tangent (tan
δ, squares) for two pure components: (a) PVME referenced to
-24 °C ()Tg) using data at -24, -14, -4, 6, 16, 26, 36, 46,
and 56 °C and (b) PS-260 referenced to 112 °C () Tg + 6 K)
using data at 112, 116, 126, 136, 146, and 156 °C. The arrows
in (a) show the frequencies that are reciprocals of the terminal
relaxation time τ, the Rouse time of an entanglement strand
τe, and the relaxation time of a Kuhn segment τ0. τe and τ0
were estimated from τ, as described in the Discussion.

Figure 2. Master curves of the storage modulus (G′, tri-
angles), loss modulus (G′′, diamonds), and the loss tangent (tan
δ, squares) for two blends: (a) 30/70 wt % PS-130/PVME
referenced to 13 °C () Tg + 10 K) using data at 13, 23, 33, 43,
53, 63, 73, 83, and 93 °C and (b) 30/70 wt % PS-260/PVME
referenced to 5 °C () Tg + 2 K) using data at 5, 15, 25, 35, 45,
55, 65, and 75 °C.

G* (ω; T) ) bTG* (aTω; Tg) (1)

tan δ ) G′′/G′ (2)

ε*(ν; T) ) cTε*(aTν; Tg) (3)
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form64 of eq 4 for the low-frequency limiting permittivity
ε0, where F(T) is the (temperature-dependent) density40

and A is the (temperature-independent) specific polar-
izability of PVME.

Fitting our measured cT for PVME to eq 4, we conclude
that the specific polarizability of PVME is A ) 0.62 cm3/
g.

Time-temperature superposition was applied suc-
cessfully to the DS data for pure PVME by preparing
master curves of tan δd ≡ ε′′/ε′. Master curves of tan δd,
ε′, and ε′′, shown in Figure 3a, are obtained from
superposition of data in temperature increments of 5
K, between -22 and +28 °C.

The tan δd master curve of the 30/70 wt % PS-130/
PVME blend, shown in Figure 3b, reveals an obvious
failure of tTS. The attempted master curves in Figure
3b were prepared from complex permittivity data at
temperatures ranging from -7 to +38 °C, in tempera-
ture increments of 5 K. Segmental motion of the PVME
chains dominate the dielectric response of the blend
because the specific polarizability of PS is much smaller
than PVME. Figure 3b shows that the distribution of

segmental times for PVME in the blend state broadens
as the temperature is lowered. The breakdown of tTS
is consistent for both OS and DS data for PS/PVME
blends.

All DS data show the glass transition of PVME as a
local maximum in tan δd. The dielectric loss spectrum
of PVME (and the PS/PVME blend at higher tempera-
tures) shows a sharp upturn at low frequencies (often
called a “DC tail”), generally attributed to the presence
of ionic impurities.65 If this upturn is subtracted as a
simple conductivity effect, the local maximum corre-
sponding to the glass transition (the R-relaxation) is
empirically described by the Havriliak-Negami (H-N)
equation.65

ε0 and ε∞ are the limiting low- and high-frequency
permittivities, σ is the DC conductivity, τHN is the H-N
relaxation time, and R and γ are empirical fitting
parameters (-Rγ is the high-frequency slope of log ε′′
vs log ν). For PVME, the high-temperature dielectric
data are well described by eq 5 with R ) 0.75 and γ )
0.55. For the 30/70 wt % PS-130/PVME blend (Figure
3b), the dielectric data at individual temperatures are
still reasonably described by eq 5, but the low-frequency
side of the ε′′ peak broadens as the temperature is
lowered (R ) 0.5 at 311 K and R ) 0.35 at 261 K). The
50/50 wt % PS-50/PVME blend exhibited an even
broader ε′′ peak, which could not be fit to eq 5. This
blend required assuming two H-N mode distributions
to fit the dielectric response. To facilitate comparisons
with literature data, we determine the relaxation time
τmax associated with the maximum of each mode distri-
bution, from the H-N fitting parameters in the usual
way.66

Figure 4 shows the temperature dependence of τmax for
the blends and the pure components. τmax is the recipro-
cal of the frequency at which ε′′ has its maximum for
each H-N mode distribution. Consistent with the

Figure 3. Master curves of the dielectric storage (ε′, tri-
angles), dielectric loss (ε′′, diamonds), and the dielectric loss
tangent (tan δd, squares): (a) pure PVME referenced to -22
°C () Tg + 2 K), using data at -22, -17, -12, -7, -2, 3, 8,
13, 18, 23, and 28 °C and (b) 30/70 wt % PS-130/PVME
referenced to 3 °C () Tg) using data at -7, -2, 3, 8, 13, 23,
28, 33, and 38 °C.

ε0(T) )
1 + 2F(T)A
1 - F(T)A

(4)

Figure 4. Temperature dependence of segmental relaxation
times extracted from dielectric spectroscopy data for PS-130
(open squares), PVME (open circles), 30/70 wt % PS-130/PVME
blend (filled squares), and 50/50 wt % PS-50/PVME blend (slow
relaxation is filled triangles; fast relaxation is filled inverted
triangles).

ε*(ν) - ε∞ + iσ/(ε0ν)
ε0 - ε∞

) 1
[1 + (iντHN)R]γ

(5)

τmax ) τHN[tan( π
2(γ + 1))]-1/R

(6)
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concentration fluctuation model of Kumar et al.,13,17 the
50/50 blend exhibits a fast relaxation corresponding to
nearly pure PVME and a slow relaxation that is
intermediate between PS and PVME, corresponding to
the average blend composition.

We contrast the DS and OS master curves of tan δ in
Figure 5. Figure 5a contains the results for pure PVME,
and Figure 5b presents the results for the 30/70 wt %
PS-130/PVME blend. Figure 5 shows that the local
maximum in tan δ, corresponding to the glass transi-
tion, occurs at a slightly higher frequency for dielectric
data than for mechanical data. The failure of tTS is
much more obvious in the DS data, in part because the
scale is logarithmic.

6. Analysis of Shift Factors

Time-temperature superposition of tan δ data from
either OS or DS is accomplished by rescaling the
frequency with a shift factor aT. For both experiments,
the temperature dependence of the frequency-scale shift
used to superimpose data from T to Tg is empirically
described by the WLF equation.3,67

C1
g is a material-specific WLF constant, referenced to

the glass-transition temperature Tg, and T∞ is the Vogel
temperature (where the viscosity diverges). Williams,
Landel, and Ferry used a second constant C2

g,3,67 with
C2

g ≡ Tg - T∞, but eq 7 is the form originally proposed
by Vogel.68 The free volume model3 relates the frequency-
scale shift factor to the fractional free volume f and its
value fg at the glass transition Tg.

B is a dimensionless parameter of order unity. This free
volume model is related to the WLF equation (eq 7) by
assuming that f is a linear function of temperature, and
the coefficient of thermal expansion of free volume Rf is
then determined by the WLF constants.3

Figure 6a is the Vogel plot used to determine C1
g and

T∞ from the temperature dependence of aT used in the
superposition of tan δ from OS data for pure PVME
(Figure 1a). Motivated by the form of the WLF equation
(eq 7), T∞ is manually adjusted to give the best straight
line in the Vogel plot.59 This procedure for determination
of WLF coefficients is the most reliable of several that
have been suggested.3 The open squares in Figure 6a
are the aT we determined from the OS data of Kannan
and Lodge69 on a highly entangled PVME (Mw ) 1.3 ×
106; Mw/Mn = 1.3). Those aT agree well with our
determinations from OS for PVME (filled squares), and
the linearity of both data sets gives us considerable
confidence in our determinations of C1

g and T∞ of pure
PVME from OS data. The circles in Figure 6a are the
aT from construction of the DS master curve of PVME
(Figure 3a). The DS aT do not agree with the aT from
OS. Even though tTS works reasonably for PVME in
both types of data, the temperature dependence of
relaxation depends on whether the relaxation is probed
dielectrically or mechanically, as has been reported for
many homopolymers.70-77

Figure 6b is the corresponding Vogel plot used to
determine C1

g and T∞ from the aT used to construct the
master curve for tan δd from the DS data for pure PVME
(Figure 2a). The linearity of these data (circles) shows
that the dielectric frequency-scale shift factors are also
described well by the WLF equation (eq 7), but the
mechanical data (open and filled squares) are clearly
not described by the same WLF coefficients that work
for the DS data.

In Figure 6c, we compare the frequency-scale shift
factors (aT) for our polystyrenes with those of Plazek61

in a Vogel plot. This plot uses Plazek’s values of Tg and
T∞ (see Table 2). Since Plazek studied temperatures
much closer to Tg, his determination of T∞ is consider-
ably more reliable. The discrepancy between our aT and
those of Plazek is beyond experimental error and the
reason for this discrepancy is not clear.

The WLF coefficients, Vogel temperatures, and the
coefficients of thermal expansion of free volume for the
PS and PVME pure components are shown in Table 2.
In the calculation of Rf, we set B ) 1 as suggested by
Ferry,3 because B is known to be of order unity and
cannot be separated from Rf without an independent
measure of free volume. The larger Vogel temperature

Figure 5. Comparison of dielectric and mechanical loss
tangents: (a) pure PVME referenced to Tg (-24 °C) (the upper
curve is OS data and lower curve is DS data) and (b) 30/70 wt
% PS-130/PVME referenced to Tg (3 °C), [upper curve for OS
data; the lower set of curves for DS data at -7 (inverted
triangles), 3 (triangles), 13 (circles), 23 (diamonds), and 33 °C
(hexagons)].

log aT ) -C1
g[T - Tg

T - T∞] (7)

aT ) exp[B(1f - 1
fg

)] (8)

Rf ) B
C1

g(Tg - T∞) ln 10
(9)
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T∞ and the larger coefficient of thermal expansion of the
free volume Rf, observed dielectrically for PVME, indi-
cate that the dielectric relaxation processes have a
stronger temperature dependence than the mechanical

relaxation processes. This statement is consistent with
the trends seen in Figure 6 and is observed for many
other homopolymers in the literature.70-77 The segmen-
tal and terminal relaxations of polymers have different
temperature dependences.78 DS only probes PVME’s
segmental modes, whereas OS is influenced by both
segmental and terminal relaxation processes. Identical
WLF parameters for dielectric, mechanical, and inco-
herent quasielastic neutron scattering data of pure
PVME were reported in previous work by Colmenero
et al.,79 but that work only covered a very limited range
of temperatures for mechanical data (between -30 and
0 °C).

Although the discrepancies between the aT’s used in
DS and OS are beyond experimental error, they are
small, as judged in Figure 6a. However, these small
differences lead to a 25 K difference in Vogel tempera-
tures from DS and OS of pure PVME. This 25 K
difference is far beyond the experimental uncertainty
in T∞ of (3 K. The T∞ obtained for PVME from DS is
consistent with the T∞ ) -67 °C reported by Colmenero
et al. (based on their DS experiments).80

The temperature dependence of the modulus-scale
shift factor bT for pure PVME and pure PS is plotted in
Figure 7. The bT’s for both PVME and PS appear to obey
the Rouse prediction (bT ∼ FT, with F the temperature-
dependent density and T the absolute temperature),
using literature PVT data for PVME40 and for PS.81

7. Discussion

Kannan and Lodge69 used OS to study a high molec-
ular weight PVME (Mw ) 1.3 × 106) and found that the
plateau modulus of PVME is GN

0 ) 4.07 × 106 dynes/
cm2 at 30 °C. Using F ) 1.01 g/cm3, we calculate the
molecular weight of an entanglement strand Me )
FRT/GN

0 ) 6250 in a PVME melt. Using the Kuhn
segment length for PVME34 (b ) 6.9 Å), we calculate
the tube diameter a ) b[FRT/(MKGN

0 )]1/2 of the repta-
tion model82 to be aPVME ) 47 Å for PVME, where MK
) 130 is the molecular weight of a Kuhn segment. Since
PS has a larger tube diameter82 (aPS ) 82 Å), we expect
the PVME will become progressively less entangled as
PS is added. Assuming a single tube in the blend11 leads
to a simple blending law for the effective tube diameter
as a function of the volume fraction of PVME, φ.

Figure 6. Vogel plots for pure components: (a) best fit to
PVME OS data only (Tg ) -24 °C and T∞ ) -94 °C), (b) best
fit to PVME DS data only (Tg ) -24 °C and T∞ ) -69 °C)
using our OS data (filled squares), the OS data of Kannan and
Lodge69 (open squares), and the DS data (filled circles), and
(c) comparison of shift factors for our OS data on PS-50 (Mw )
56 000, hexagons) with Plazek’s creep data61 on pure PS (Mw
) 46 900, squares). All lines are regression fits to eq 7.

Table 2. Thermal Properties of Pure Polymers

polymer method Tg (°C) C1
g T∞ (°C) 104Rf (K-1)

PVME OS -24 13.9 -94 4.5
PVME DS -24 12.1 -69 8.0
PS-50 OS 104 11.5 58 8.2
PS-130 OS 106 11.6 58 6.7
PS-260 OS 106 11.7 58 7.7
PS [61] creep 97 12.7 50 7.3

Figure 7. Temperature dependence of modulus-scale shift
factors (bT): PVME using our data (circles), the data of Lodge
and Kannan69 (squares), and polystyrenes (diamonds; PS-50,
PS-130, and PS-260 data all agree). Solid curves are the Rouse
model predictions (lower curve for PS; upper curve for PVME).
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The tube model relates a chain’s terminal relaxation
time τ to the time scale of motion of a Kuhn segment
τ0. The Doi fluctuation model83 gives the following
expression for the ratio of relaxation times.

N is the number of Kuhn segments per chain, and Ne is
the number of Kuhn segments per entanglement strand.
Terminal relaxation of the chain is faster than the
standard reptation result (N3/Ne) by a simple fluctua-
tional correction. Equation 11 should apply for the ratio
of relaxation times in a blend, as well as in a pure
component melt, provided that the entanglement strand
length is adjusted accordingly. At any constant composi-
tion φ, the entanglement strand length is constant, and
the ratio of relaxation times has a slightly stronger than
cubic dependence on chain length (roughly τ/τ0 ∼ N3.4).
An example of the use of eq 11 to determine τ0 from τ is
shown in Figure 1a for PVME. Also shown is the Rouse
time of an entanglement strand τe ) τ0Ne

2. Notice that
τ and τe correspond to crossing points of G′ and G′′. The
relaxation time of the Kuhn segment τ0 does not
generally correspond to the high-frequency crossing
point of G′ and G′′, because the high-frequency relax-
ations associated with the glass transition depend on
the chemical details of the polymer chain. We shall see
below that τ0 corresponds to the long-time end of the
segmental relaxation time distribution.

The terminal relaxation times τ, estimated from the
terminal (low-frequency) crossing point of G′ and G′′,
are plotted in Figure 8 as a function of temperature.
We need to particularly focus our attention on the three
30/70 wt % PS/PVME blends (filled symbols). If the
terminal relaxation were solely due to the PVME chains,
we would expect the terminal relaxation time to be
insensitive to PS chain length.84 On the other hand, if
the terminal relaxation in the blends were due to PS
alone, eq 11 predicts the terminal time to scale as the
3.4 power of PS chain length, which thus should have a
chain length dependence similar to the three pure PS
samples shown in Figure 8. The observed PS chain
length dependence of the terminal relaxation time in
the blend lies between these results, indicating that both
PVME and PS chains are relaxing in the vicinity of the
terminal peak in the loss modulus.

Since the terminal relaxation of the three 30/70 wt %
PS/PVME blends has a weak dependence on PS chain
length (τ ∼ MPS

1.6), we suspect that the blended PVME
chains relax more slowly than the PS-50 chains and
more rapidly than the PS-260 chains and at about the
same rate as the PS-130 chains. This crossover explains
the weak dependence of the terminal relaxation time
on PS chain length seen in Figure 8, as well as the fact
that there is no obvious second terminal relaxation.
There is a hint of a second terminal relaxation in tan δ
near 10-6 rad/s in Figure 2b that likely corresponds to
the relaxation of PVME in the blend with PS-260. There
is no trace of any second relaxation in either the 30/70
wt % PS-130/PVME blend (Figure 2a) or the 30/70 wt
% PS-50/PVME blend.85 Miscible blends of narrow
molecular weight distribution polymers typically have
two local maxima in their terminal loss modulus.4,6,7,11,13

The exception to this rule, of course, comes when the
two components happen to have similar terminal re-
laxation times in the blend.10 In practice, the times must
be separated by more than an order of magnitude to
resolve to two peaks in the OS experiment.

Figure 9 compares the dielectric response of the pure
PVME at 3 °C, the 30/70 wt % PS/PVME blend at 3 °C
(the blend Tg), and the 50/50 wt % PS/PVME blend at 5
°C. The broadening of the dielectric loss in the blend
state is evident. This broadening has been observed for
many miscible blends and is ascribed to the presence
of concentration fluctuations.14,15,23,55 The PVME seg-
ments find themselves in a wide variety of environments
when blended with PS, spanning a range from the pure
PVME to regions with longer relaxations that are
slowed by surrounding PS chains.

Using eq 11, we estimate the effective time scale of
motion of a Kuhn segment τ0 from the terminal relax-
ation time τ for PVME in both the PVME melt state
and the 30/70 wt % PS/PVME blend state at 3 °C. In
the case of the blend, the terminal time was estimated
by extrapolation of the frequency at which G′ ) G′′ from
higher temperature data using the WLF equation. The
Kuhn segment relaxation times are shown as the arrows
in Figure 9. Clearly, at low temperatures, the effective
time scale for free motion of Kuhn segments τ0 is near
the long-time end of the distribution of segmental times.

1
a

) φ

aPVME
+

(1 - φ)
aPS

(10)

τ
τ0

= N3

Ne
[1 - (Ne

N )1/2]2

(11)

Figure 8. Temperature dependence of terminal relaxation
times: PVME (open circles), PS-50 (open diamonds), PS-130
(open squares), PS-260 (open triangles), 30/70 wt % PS-50/
PVME (filled diamonds), 30/70 wt % PS-130/PVME (filled
squares), and 30/70 wt % PS-260/PVME (filled triangles).

Figure 9. Comparison of the dielectric loss spectra: pure
PVME at 3 °C (open circles), 30/70 wt % PS-130/PVME blend
at 3 °C (filled circles), and 50/50 wt % PS-50/PVME blend at
5 °C (squares). The left and right arrows denote the Kuhn
segment relaxation frequency in the 30/70 wt % PS-130/PVME
blend and pure PVME, respectively.
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The temperature dependence of the dielectric loss
tangent for the 30/70 wt % PS/PVME blend is shown in
Figure 10. The filled symbols in Figure 10 represent the
frequency [1/(2πτ0)] associated with the effective time
scale of motion of a Kuhn segment τ0, calculated from
the terminal relaxation time τ, using eq 11. As the
temperature is lowered, the spectrum of segmental
relaxation times broadens and shifts to lower frequency.
The effective Kuhn segment motion time corresponds
to a progressively longer time in that distribution as it
broadens. This observation is quite consistent with the
“cooperative volume” theory of the glass transition.86-89

The premise of this theory is that motion is restricted
within the cooperative volume until the entire volume
can move in some cooperative manner. The size of the
cooperative volume grows as the temperature is low-
ered, which acts to retard relaxation. In weakly inter-
acting blends with large ∆Tg (such as PS/PVME),
concentration fluctuations create a variety of local
compositions, each with its own cooperative volume.17

The distribution of segmental times broadens as the
temperature is lowered because fluctuations rich in the
high Tg polymer get larger (and slower) cooperative
volumes.

For terminal relaxation, the chain must reptate out
of its confining tube. The fluctuations rich in the high
Tg polymer act as pinning points along the tube,
controlling the effective friction coefficient for terminal
relaxation or the effective time scale of motion of a Kuhn
segment τ0. Thus, τ0 moves further toward the long-time
end of the distribution of segmental relaxation times
when the largest cooperative volumes get larger (as the
temperature is lowered).

8. Conclusions

We have used dielectric spectroscopy and oscillatory
shear to study the temperature dependence of relax-
ations in PVME, PS, and their blends. We find that the
empirical time-temperature superposition principle
works reasonably for PVME, approximately for PS with
T > Tg + 10 K, and fails for PS/PVME blends at all
temperatures studied (Tg e T e Tg + 90 K). Superposi-
tion of tan δ is necessary for deciding whether tTS
works, as done by Cavaille et al.43 and Stadler et al.,45

for PS/PVME blends. Superposition of G′ and G′′ can

lead to an erroneous conclusion of thermorheological
simplicity. Use of the loss tangent tan δ ≡ G′′/G′ obviates
the modulus-scale shift, which imparts an additional
degree of freedom that can allow tTS to appear valid
when shifting G′ and G′′.

We used a simple tube model to make quantitative
comparisons between the distribution of segmental
relaxation times (probed by DS) and the apparent time
scale for free motion of a Kuhn segment (calculated from
eq 11, using the terminal time from OS). At low
temperatures, free motion of a Kuhn segment (the
shortest Rouse mode of the chain) occurs at the long-
time end of the spectrum of segmental relaxation times.
This finding is particularly important for miscible
blends with weak interactions between components,
where the distribution of segmental relaxation times is
anomalously broadened by concentration fluctuations15,17

in a temperature-dependent manner.
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